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Nanoimprint lithography (NIL) is emerging as a patterning
technique with enormous potential for nanotechnology. The
combination of a resolution of 10 nm or better with the poten-
tial to directly pattern functional materials,[1,2] not just sacrifi-
cial resist formulations, makes NIL an attractive fabrication
process. However, directly patterning such small features
raises serious concerns regarding their long-term stability.
Factors like surface tension and finite-size effects become sig-
nificant when the pattern size approaches the nanometer
scale. It is well-known that planar polymer films can, under
certain circumstances, spontaneously rupture and form drop-
lets when their thickness is reduced to tens of nanometers;[3,4]

there are already reports of similar behavior in nanoimprinted
patterns.[5,6] Nanostructures fabricated by chemically ampli-
fied photoresists display an increased propensity for pattern
collapse as their width decreases below 100 nm.[7] Both simu-
lations and experiments seem to indicate that there is a strong
reduction in the elastic modulus of a nanostructured material
when the feature size decreases below 50 nm.[8,9] Given the
potential patterning resolution of NIL, these stability con-
cerns will become increasingly important as even smaller fea-
tures are realized in a range of different polymers. The direct
patterning of functional materials by NIL may necessitate a
compromise in resolution to achieve robust and stable nano-
structures.

Quantifying the stability of nanoscale structures is, how-
ever, a measurement challenge. This requires high-resolution
measurements of the 3D pattern shape with nanometer-scale
precision, without destroying or cross-sectioning the sample.
Most traditional high-resolution shape metrologies fail to si-
multaneously meet these requirements. To address this chal-
lenge we are developing a suite of X-ray-based techniques to
quantify pattern shape. These include critical dimension small
angle X-ray scattering (CD-SAXS)[10–12] and specular X-ray
reflectivity (SXR).[13,14] Here, we utilize the fact that CD-
SAXS and SXR can completely characterize the cross section
of an imprinted pattern, nondestructively with nanometer-
scale resolution, while simultaneously averaging hundreds
of nanostructures together for excellent statistics. A descrip-
tion of these shape measurements is provided in the Support-
ing Information, while more details have been published else-
where;[10–14] here we focus on the application of these shape
measurements for pattern stability. We define the stability
of a nanoimprinted structure by measuring its shape change
as a function of time in different environments. The real-
time shape evolution of nanoimprinted poly(methyl meth-
acrylate) (PMMA) line-and-space patterns has recently
been demonstrated with CD-SAXS.[15] A significant decay
of the pattern (in terms of a reduction in height and broaden-
ing in width) was observed when they were annealed near
the glass transition temperature (Tg) of PMMA; however,
the decay kinetics were significantly faster than expected and
the mechanism for the pattern decay was not entirely clear.
Here we show that the pattern decay, especially in high-mo-
lecular-mass polymers, is driven primarily by internal stresses
that are generated by the nanoimprint process. The origins of
these stresses, and methods to control them, are discussed in
detail.

Parallel line-and-space patterns are imprinted into PMMA
and polystyrene (PS) with varying molecular masses. The
characteristics of the polymers, the imprinting conditions, and
the shape of the initial patterns are reported in Table 1. All of
the lines start with a trapezoidal cross section with a line
width of ca. 100 nm and a line height of ca. 165 nm. Table 1
summarizes the exact cross sections, as characterized by CD-
SAXS and SXR, in terms of their average line height (H),
width (W), sidewall angle (b, b= 0° corresponds to a rectangu-
lar cross section) and periodicity (C) for the as-imprinted pat-
terns. For a given molecular mass polymer, all of the patterns
start with nominally identical cross sections.
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Figure 1 shows CD-SAXS measurements of the real time
evolution of the reduced line height (h = H/H0) and width
(w = W/W0) for both a series of PS (Fig. 1a) and PMMA
(Fig. 1b) patterns of varying molecular mass. The annealing

temperature for the PS coincides
with the bulk Tg, while the PMMA
is approximately 10 °C above its
bulk Tg. In agreement with our pre-
vious measurements, the patterns
decrease in height and broaden in
width upon annealing.[15] These
rates of change are rapid at first but
slow down considerably at longer
times. It is noteworthy that both the
rate and the extent of the pattern
decay are significantly larger in
terms of h in comparison with w,
consistent with previous observa-
tions.[15] Although we do not show
the data here, we have confirmed
by SXR that the loss in pattern
height is accompanied by an in-

crease in the residual layer thickness; volume is nominally
conserved.

The most striking observation, however, is that the initial
rate of pattern change is much faster in the high-molecular-
mass (entangled) samples for both PS and PMMA (Fig. 1).
When the PS patterns are annealed at their bulk Tg, the line
height of the PS1007k (where xk denotes the molecular mass
of the polymer, see Table 1) sample decays to more than 70 %
of its original value within an hour, compared to a less than
30 % reduction in height for the PS24k pattern (Fig. 1a). For
patterned PMMA films annealed at Tg + 10 °C, the differences
between the three molecular mass samples are less pro-
nounced, but the same trend is observed: higher molecular
masses decay faster (Fig. 1b). It is also apparent that the dis-
crepancy between the height and width decay is greater in the
PMMA samples. After 30 min, the lines have decayed by
90 % in terms of their initial height, with almost no change in
the pattern width. The pattern decay is highly anisotropic,
especially for the high-molecular-mass polymers.

For a pattern heated above the Tg of the polymer, surface
tension (c) will tend to smooth out the features of the pattern;
a flat surface is thermodynamically stable.[16,17] The cs for the
different PS (and PMMA) samples in Table 1 show negligible
differences with molecular mass.[18] Because all of the im-
printed patterns within each PS or PMMA series start with an
identical cross section, the surface-tension component of the
driving force for pattern decay should not change with molec-
ular mass. By contrast, the kinetics of the pattern decay in re-
sponse to the thermodynamic driving force are determined by
the shear viscosity (g0, see Eq. 2), which strongly depends on
the molecular mass. For polymeric melts there is a transition
from g0 ∝ M1 to g0 ∝ M3.4 at a critical entanglement molecular
mass, Mc (Mc ≈ 30 kg mol–1 for bulk PS).[19] From c and g0

alone, one would expect the decay rate of PS1007k to be sev-
eral orders of magnitude slower than that of the PS24k im-
printed film; however, exactly the opposite trend is observed:
the higher-molecular-mass patterns decay faster (Fig. 1). This
is inconsistent with a simple surface-tension-driven viscous
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Table 1. Properties of the polymers used for the nanoimprint and the characterizations of shape of the
imprinted line-space grating patterns. The periodicity (C), height (H), width (W), and sidewall angle (b)
correspond to a trapezoidal cross section used to fit the CD-SAXS data.

Sample

(method)

Mn [b]

[kg mol–1]

Tg [c]

[°C]

Timp

[°C]

C

[nm]

H

[nm]

W

[nm]

b [d]

PS

(CD-SAXS) [a]

24 95.9 146 194.5 168 111 5.7°

1007 105.3 155 194.5 169 117 5.6°

PS

(Laser diffraction) [a]

24 95.9 146 355 165 99 4.5°

1007 105.3 155 355 165 98 4.4°

10 119.2 170 355 165 99 4.2°

PMMA

(CD-SAXS) [a]

110 126.3 170 355 162 98 4.6°

518 133.8 184 355 160 99 4.0°

[a] Experiments performed on this type of patterns. [b] All samples are monodisperse. [c] Bulk values
determined by differential scanning calorimetry. [d] b is the degree of angular deviation from a perfect
rectangular. Mn: number-average molecular weight, Tg: glass transition temperature, Timp: imprint tem-
perature. The standard uncertainties for C, H, W, and b are ± 0.5 nm, ± 5 nm, ± 1 nm, and ± 0.5°, re-
spectively.
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Figure 1. Normalized changes in reduced line height (h = H/Ho) and
width (w = W/Wo) as a function of annealing time for a) PS patterns an-
nealed at Tg and b) PMMA patterns annealed at Tg + 10 °C. The open and
filled symbols represent the width and height of the pattern lines, respec-
tively. In (a), the squares and triangles correspond to PS24k (where xk re-
fers to the molecular weight of the polymer, see Table 1) and PS1007k
patterns, respectively; in (b), the circles, triangles, and squares represent
PMMA10k, PMMA110k, and PMMA518k patterns, respectively. The stan-
dard uncertainties for H and W are ± 5 nm and ±1 nm, respectively.



flow mechanism governing the pattern decay near the Tg.

Rather, the viscoelastic properties of the polymer during the
mold-filling processes are implicated to explain this interest-
ing pattern decay behavior.

The substantially greater viscosities of the high-molecular-
mass PMMA and PS also make it more difficult to fill the
mold with the molten polymer during the imprint process at
Tg + 50 °C (see Experimental). The nanoimprint mold-filling
process is undoubtedly a complicated rheological process. In
general, we can expect the polymer deformation to be inho-
mogeneous because of the pattern geometry. Both the strain
magnitudes and rates may vary from point to point in the dif-
ferent regions of the mold during the imprint.[19] For a highly
entangled polymer, it is reasonable to anticipate both elastic
and plastic deformation of the material during this process.
The plastic deformation can also vary from point to point,
ranging from shear in some regions to extensional flow in
others.[20] Simulations suggest that when the residual layer of
resist between the pattern and the supporting substrate is
thicker than the width of penetrating protrusions in the mold,
shear flow will dominate the mold filling.[21] The molds and
thicknesses of the films imprinted here are consistent with this
shear-flow-dominated regime. It has been suggested that the
shear rates during the imprinting process approach the shear-
thinning regime, especially for higher-molecular-mass poly-
mers.[20,22] Therefore, comparing the time scale for structural
relaxations in the bulk polymer to the duration of the imprint
process provides some insight into the mold-filling physics.[23]

This is done below just for the PS patterns, given the abundant
literature on the rheological properties of PS for a range of
molecular masses.

For an approximate characterization of the shear flow of PS
during the imprint process, we use the bulk terminal relaxa-
tion time st = J0

e g0, where J0
e is the steady-state compliance

and g0 is the zero-shear viscosity. Physically, st reflects the
longest time required for the polymer to relax entanglement
constraints and enable flow.[19] Typically, J0

e is temperature in-
dependent near the imprint temperatures reported in Table 1;
we use J0

e values of 2.51 × 10–6 Pa–1 and 1.38 × 10–5 Pa–1 report-
ed at 160 °C for PS24k and PS1007k, respectively.[24] The clas-
sic Vogel–Fulcher–Tammann (VFT) equation is then used to
estimate g0 as

g0 � A exp� B
af�T � T∞�

� �1�

where A, B, and af represent empirical fitting constants and
T∞ is the Vogel temperature, at which the viscosity diverges to
infinity. The estimate is made by selecting values of A, B, af,
and T∞ from the literature that are appropriate for the mole-
cular masses of the PS used here.[24] The resulting estimates of
g0 are 5.4 × 103 Pa s and 2.4 × 108 Pa s for PS24k and PS1007k,
respectively, at their imprinting temperatures of Tg + 50 °C.
The corresponding st values were estimated to be on the order
of 10–2 s and 3000 s, respectively. By comparing st with the im-
print time simp ≈ 5 min = 300 s (see Experimental), we see that

st << simp for PS24k at Tg + 50 °C. Consequently, PS24k should
have ample time to relax internal stresses related to the defor-
mation and/or flow of the material into the mold. This is not
surprising given our g0 estimate; 5.4 × 103 Pa s is on the same
order of magnitude as the viscosity of glycerol at room tem-
perature. However, the g0 estimate of 2.4 × 108 Pa s for the
PS1007k sample is eight orders of magnitude more viscous
than water, similar to the viscosity of tar or pitch at room tem-
perature. Filling the mold with PS1007k at Tg + 50 °C would
therefore require considerable elastic/plastic deformation
and/or a significant reduction in the effective viscosity by
shear thinning. Because the stress relaxation time is much
longer than the imprinting time, i.e., st ≈ 3000 s >> simp = 300 s
for PS1007k at this temperature, any internal stress or mole-
cular bias associated with the deformation would not be able
to relax within the duration of the imprinting. With fast cool-
ing under a relatively large imprint pressure (3.4 MPa), these
stresses are frozen into the resulting glassy structures. These
internal stresses are expected to influence the pattern shape
evolution when the pattern is then separated from the
mold.[25]

From the above discussion, it is clear that the stresses acting
on PS1007k patterns include both the nonequilibrium internal
stresses induced by the imprinting process and the surface ten-
sion, so that the driving force for the pattern decay is more
complicated for temperatures near Tg. This complexity is re-
vealed in laser diffraction experiments. The PS patterns in
Figure 1a, with a periodicity of (194.5 ± 0.5) nm are below the
diffraction limit for a typical visible laser, but the mold with a
pitch of (355.0 ± 0.5) nm (Table 1) will produce a first-order
diffraction peak from a violet laser (k = 405 nm) at a diffrac-
tion angle 2h of approximately 70°. The lines have nearly the
same cross section as the patterns in Figure 1a, with the ex-
ception of the approximately 1:3 versus 1:1 line-to-space ratio
(see Table 1). Patterns of both the PS24k and PS1007k were
imprinted with this mold under identical conditions as the PS
sample in Figure 1a. The intensity of the first-order diffraction
spot is monitored in situ while annealing the patterns at
Tg + 8 °C. There are advantages and disadvantages to employ-
ing visible versus X-ray radiation to characterize the im-
printed patterns. The measurements are easily performed
over long periods of time (days) in the laboratory, which is
generally not feasible at a synchrotron. Although the intensity
of the scattered radiation is directly related to the amount of
material in the pattern, it is nearly impossible to quantita-
tively extract the pattern shape when the features are small
compared with the wavelength of the light. Here we use the
convenience of the laser diffraction method to characterize
the general timescales of the decay, without worrying about
the precise pattern shape.

Figure 2 shows the first-order diffraction intensity I as a
function of annealing time at Tg + 8 °C for both PS patterns
on a log–log plot. For comparison, the normalized height
change of the PS1007k sample from Figure 1a is included (sol-
id line). Both samples display a strong decay of I upon anneal-
ing. Consistent with Figure 1, the initial decay of PS1007k is
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still faster than PS24k, but shifted to shorter time scales with
the increase of annealing temperature (Tg for Fig. 1 versus
Tg + 8 °C for Fig. 2). The most interesting observation, how-
ever, is the difference between the intensity variations at long-
er times; obtaining this data by CD-SAXS was not practical
because of the relatively long measurement time that would
be required. The PS24k pattern shows a single exponential de-
cay over the entire time range (linear slope on the semi-log
representation in part b of Fig. 2), while the PS1007k pattern
shows three distinct decay regimes: a short initial period of
fast decay (regime I), an extended intermediate region
characterized by a slower power-law decay (regime II), finally
giving way to what appears to be an exponential decay at long
times (regime III).

Hamdorf and Johannsmann studied the role of surface-ten-
sion-driven decay of patterned surfaces in PS and PMMA
above the Tg.[16] In their case, sinusoidal gratings with a peri-

odicity of 600 nm and a very shallow amplitude (ca. 5 nm)
were thermally embossed into the surface of bulk polymers.
With the assumption that surface tension is the only driving
force, they predict that the amplitude of the gratings will de-
cay exponentially with time. The relaxation time of this expo-
nential decay is determined by c, the periodicity of the pattern
(C), and the shear viscosity of the material (g) as[16]

sd � gC�pc �2�

We can apply this model to the decay of our high-aspect-ra-
tio features as a crude approximation. Exponential fits to the
data in Figure 2 yield decay time constants of sd = 8.3 min for
the PS24k (entire time range) and sd = 664 min for PS1007k in
regime III. To estimate the viscosity, we utilize a value of
c ≈ 33 mN m–1 for both patterns at their annealing tempera-
ture.[18] With these parameters and Equation 2, we estimate
the viscosities of the PS24k and PS1007k at Tg + 8 °C to be
1.5 × 108 Pa s and 2 × 1010 Pa s, respectively. These g values can
be compared to the VFT predictions for the bulk viscosities at
the same temperatures (again by using Eq. 1 and literature
parameters[24]), which are 2.7 × 108 Pa s and 1.1 × 1012 Pa s for
PS24k and PS1007k, respectively. The viscosity for PS24k pre-
dicted by VFT is of the same order of magnitude as the effec-
tive viscosity measured by sd, indicating that the pattern decay
mechanism is primarily surface-tension-induced viscous flow.
This is consistent with the previous estimate that st << simp for
PS24k. Stresses that may have been induced as the mold
pressed into the film have sufficient time to relax over the
duration of the imprint process. However, the VFT model
predicts a viscosity for the PS1007k patterns that is about two
orders of magnitude greater than what would be experimen-
tally estimated from sd; at long times the high-molecular-mass
pattern decays much faster than what would be predicted on
the basis of surface tension and viscosity. This is consistent
with st >> simp for the PS1007k and a slow recovery of the
sheared glassy melt viscosity after shear thinning.[26]

We interpret the fast changes of the normalized intensity
(or H) at short times (regime I of Fig. 2) of the PS1007k pat-
tern as an elasticlike response of the polymer deformed by
the imprint process in response to a combination of the resid-
ual stress and surface tension. Because response occurs on a
timescale significantly longer than the segmental relaxation
time (sa ≈ 0.01 s),[27] this recovery must be associated with the
entropic elasticity of a highly deformed and highly entangled
polymer in the rubbery state. The deformation will distort the
chain conformations away from their equilibrium conforma-
tions, leading to the entropic elasticity as in the familiar case
of stretching a rubber band. This analogy with a stretched rub-
ber band should not be surprising given the relatively large
viscosity (tar- or pitchlike) of PS1007k at the imprint tempera-
ture and the long stress relaxation time (st) of the polymer
melt compared with the duration of the imprint; chain distor-
tions simply do not have time to relax. Deep in the glassy
state, the material is too stiff to relax or dissipate this driving
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Figure 2. Intensity variations (normalized by the initial intensity before
annealing, I0) of the first-order laser diffraction peak shown as a function
of annealing time for the PS24k (�) and PS1007k (�) patterns at
Tg + 8 °C. Part (a) shows these variations in a log–log representation,
while (b) presents the data in a semi-log format. The dashed line in the
log–log portion of the graph (a) is a linear fit defining the power law de-
cay of regime II, with a slope of approximately –0.3. The solid line corre-
sponds to the height changes for the PS1007k sample annealed at Tg for
PS1007k measured by CD-SAXS (same data as in Fig. 1a). The standard
uncertainty in the intensity measurements is negligible compared with
the size of the data symbols.



force.[28] However, when the sample is heated near Tg the
modulus that resists this entropic force dramatically decreases
and the rubberlike elastic recovery is observed.

The large strains created by the short-time elastic deforma-
tion can be expected to build up until yield occurs, followed
by a regime of plastic flow. In the post-elastic deformation re-
gime (regime II), the intensity decay of PS1007k exhibits a
power-law decay with annealing time with an average expo-
nent of approximately –0.3, consistent with some type of post-
yield flow process. (For comparison, the normalized height
change of the PS1007k from Fig. 1a is also plotted in Fig. 2.)
Although the annealing times for the decay data from the
CD-SAXS measurements are not as extensive, a similar
power law tail with a slope of –0.3 seems reasonable at the
long times. This power-law decay is characteristic of the An-
drade creep phenomenon, where the shear compliance (J(t))
scales as J(t) ∝ t1/3. The term “creep” refers to the long-term
flow of a viscoelastic material under a constant stress or load.
While Andrade creep was originally observed in metallic ma-
terials,[29] this phenomenon is also prevalent in polymer mate-
rials, where two different types of Andrade creep behavior
have been identified. The first type of creep deformation is
found in glassy polymers, regardless of whether they are en-
tangled or not,[30] and not of interest here. The second type of
Andrade creep behavior is unique to highly entangled (molec-
ular masses above Mc) polymers fluids at timescales longer
than their glassy or elastic response time, but shorter than the
timescale associated with the viscous flow of the terminal re-
gime (characterized by st);[19,31] this is characteristic of creep
in the rubbery plateau regions. Because the t–1/3 decay is only
found in PS1007k (PS24k is just below the bulk critical entan-
glement molecular mass) above the Tg, it is reasonable to
identify this process as the creep recovery in Figure 2.

Finally, at longer times we observe an exponential-like de-
cay of the scattering intensity in regime III that is consistent
with the viscous flow of the terminal regime. As mentioned
previously this behavior is consistent with a simple Newtonian
liquid, and Equation 2 can be used to estimate the apparent
shear viscosity g from the exponential decay constant. How-
ever, in regime III the resulting viscosity from the PS1007k
pattern decay kinetics is significantly lower (by about two or-
ders of magnitude) than would be predicted from the bulk vis-
cosity of the unsheared fluid. A significantly reduced viscosity
compared to the quiescent values, g0, is expected to arise from
the stress shear thinning during the imprinting process. The
apparent two orders of magnitude lower viscosity estimated
from regime III would be consistent with extremely slow re-
covery of the melt to the properties of the quiescent
fluid.[19,26]

The important implication of these findings for practi-
tioners of the thermal embossing form of NIL is to consider
these internal stresses and their potential impact on the in-
tended function of the imprinted pattern. Here we “acceler-
ated” the pattern decay to timescales that were suitable for
characterization by heating the samples to near Tg values.

However, creep or stress relaxation behaviors are common in
polymers even well below the Tg, potentially raising stability
concerns at room temperature. These concerns will become
increasingly important as the feature sizes continue to shrink
and the materials that are imprinted move away from resist
formulations that are sacrificial, i.e., do not have to remain
stable for very long periods of time. There is also a general no-
tion within the NIL community to reduce the imprint temper-
ature to a value as close to room temperature as possible.
Low-temperature imprints minimize thermal distortions of
the substrates, coefficient of thermal expansion mismatch is-
sues, and shrinkage effects upon cooling. This generally means
tuning the Tg value of the resist formulation to be close to
room temperature. However, the proximity of the Tg value to
room temperature also increases the propensity for the struc-
tures to relax their process-induced stresses, possibly leading
to long-term stability issues. Finally, there are reports showing
that when imprinting very small features with a high aspect ra-
tio, high-molecular-mass polymers are superior in terms of
their cohesive strength; the low-molecular-mass analogs have
a greater propensity to shear off or show cohesive failure
during mold separation.[6] The knowledge developed here il-
lustrates that the increased cohesive strength must also be bal-
anced against increased levels of residual stress in the pat-
terns.

Experimental

Nanoimprint Pattern Fabrication: PS and PMMA with a range of
different molecular masses, as indicated in Table 1, were purchased
from Polymer Laboratories. Solutions of PS and PMMA were pre-
pared in toluene and anisole, respectively. Films were first spun-cast
at 209 rad s–1 (2000 rpm) onto clean Si wafers with a native oxide sur-
face and then annealed at 170 °C for 30 min to remove the residual
solvent. The imprint masters with parallel line-and-space gratings
were fabricated by interference lithography and etched into silicon
oxide. To facilitate the mold release, a low-energy fluorinated self-as-
sembled monolayer was applied to the mold. All imprints were made
on a Nanonex NX-2000 tool. To create the pattern, the tool was
heated to the imprint temperature of Timp = Tg + 50 °C while applying
a pressure of 3.4 MPa for 5 min. The tool was cooled to 55 °C before
releasing the pressure and separating the mold from the imprinted
pattern. For all of the samples the polymer completely filled the mold,
leaving a residual layer of approximately 200 nm beneath the film.

Pattern Shape Characterization: Principles and applications of CD-
SAXS and SXR to precisely determine the imprinted pattern shape
and evolution are described in the Supporting Information. Addi-
tional details have been previously described elsewhere [10–14].

Laser Diffraction Experiments: Laser diffraction experiments were
set up in reflection geometry. The sample was mounted horizontally
on a hot stage (Linkam THMS600) with precise temperature control
(Linkam TMS94). The wavelength of the laser was 405 nm, and the
polarization of incident radiation was parallel to the grating lines. The
scattering intensity of the first-order diffraction peak at a scattering
angle 2h of approximately 70° was recorded with a charge coupled de-
vice (CCD) camera as a function of the annealing time and normal-
ized against fluctuations in beam intensity.
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