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N
anoimprint lithography (NIL) is
quickly maturing as a next-
generation patterning technique

that offers an alternative to optical
lithography.1–17 NIL is a type of contact li-
thography where the pattern transfers from
a rigid mold to a liquid/melt resist through
one of two typical approaches: ultraviolet
(UV) radiation-induced cross-linking1–7 or
thermal embossing.8–17 In the former route,
the resist is a liquid film that is “wicked”
into the mold via capillary effects and cross-
linked with UV radiation into a rigid pat-
tern. Thermal embossing NIL utilizes the vis-
coelastic deformation of a polymeric
resist.8–17 The pattern is transferred to the
resist film by mechanically forcing or
squeezing the polymer into the mold at el-
evated temperatures and pressures. When
the mold and replica are cooled below the
glass transition temperature (Tg) of the
polymer, the pressure is released and the

mold separated from the replicated poly-

meric pattern.

An advantage of thermal embossing

NIL over other lithographic patterning tech-

niques is its capability of patterning a wide

range of polymeric materials. The process is

a nanoscale variation of the macroscopic

thermal stamping, forming, or injection

molding processes used with polymers.

Therefore, it has great potential for directly

patterning functional materials, such as

semiconducting polymers,18,19 dielectric in-

sulators,20 polymeric photonic crystals,19,21

block copolymers,22 piezoelectric poly-

mers,23 and semicrystalline polymers.24

Other lithographic techniques usually pat-

tern on a formulated sacrificial resist and

transfer the pattern into the functional ma-

terial by additional additive or subtractive

manufacturing processes. The direct pat-

terning of functional materials through

thermal embossing NIL has the potential to

simplify nanofabrication processes.

Patterns with sub-10 nm features have

been successfully fabricated using thermal

embossing NIL.11 At these length scales, the

effects of finite size on the physical proper-

ties must be considered, and the properties

of the polymer can no longer be consid-

ered bulk-like.25–27 For example, deviations

in Tg,25 reductions in the elastic modu-

lus,26,27 and changes in the thermal expan-

sion coefficient have been reported.28

Moreover, the constitutive relationship

used to guide the macroscopic processing

starts to fail when the relevant processing

features approach nanoscale dimensions.29

An understanding of the viscoelastic defor-

mation of a polymer melt squeezing into a

nanoscale feature will be required in order

to optimize thermal embossing NIL.
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ABSTRACT We study the decay of imprinted polystyrene (PS) patterns under thermal annealing using light

diffraction. The first-order diffraction intensity from the imprinted gratings was measured as a function of

annealing time. A local intensity maximum is observed as a function of annealing time. This “abnormal” intensity

variation can be qualitatively understood, using rigorous coupled wave approximation calculations, as a

characteristic diffraction from patterns with specific shape/height. We demonstrate that this diffraction anomaly

can be used to characterize the temperature dependence of the pattern decay rate. The activation energies of the

pattern decay are found to be similar to those of the segmental and chain relaxations. Comparisons between PS

samples of different molecular mass reveal that the patterns decay through different mechanisms. For

unentangled PS, the decay of the imprinted pattern follows the surface-tension-driven viscous flow, with a

viscosity similar to the steady-state viscosity. However, for highly entangled PS, large residual stresses introduced

from the imprinting process cause the pattern to decay much faster than expected from surface-tension-driven

viscous flow.

KEYWORDS: nanoimprint lithography · pattern decay · relaxation · stability ·
thermal embossing
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Quantifying pattern stability or shape changes due
to internal stresses is a chal-lenge in nanoscale patterns.
High-resolution, nondestructive measurements are re-
quired in order to quantify subtle changes in the shape
of an imprinted nanostructure. We are developing a
suite of X-ray-based techniques, including critical di-
mension small-angle X-ray scattering (CD-SAXS) and
specular X-ray reflectivity (SXR), to quantify pattern
shape with nanometer precision.30–34 Recently, we
have utilized these techniques to illustrate that ther-
mal embossing NIL can introduce large levels of re-
sidual stress into the imprinted pattern.35,36 At elevated
temperatures, the NIL-fabricated patterns have a strong
propensity to retract in height with very little broaden-
ing in the width. A description of these pattern decay
measurements is summarized elsewhere.35,36

Although both CD-SAXS and SXR with a synchro-
tron source can provide high-resolution measurements
on the pattern evolution, it is impractical to perform
real-time measurements over a relatively long time
scale. Laboratory-based SXR and CD-SAXS measure-
ments are generally too slow to capture the real-time ki-
netics. Here, we introduce a simple laser diffraction
technique to study the real-time kinetics of the decay
of the imprinted polymer grating patterns. The first-
order diffraction peak from the imprinted polymer pat-
terns can be obtained using a visible laser, and its inten-
sity is generally related to the amount of material in
the grating. By measuring the time and temperature de-
pendence of the diffraction intensity with thermal an-
nealing, one can quantify the pattern decay kinetics.
When these kinetic measurements are coupled with
complementary high-resolution shape measurements
offered by CD-SAXS and SXR, one can develop a de-
tailed understanding of the mechanisms governing the
internal stress buildup and stability of the nanoscale
patterns fabricated by NIL.

RESULTS AND DISCUSSION
1. Onset Temperature for Pattern Decay. The first experi-

ment was to linearly ramp two different polystyrene
(PS) patterns at 2 °C/min from ambient temperatures
and record the diffracted intensity as a function of tem-
perature. The intensity of the first-order peak is dis-
played in Figure 1. For both the PS30k and PS1800k pat-
terns, the intensities do not vary significantly at low
temperatures. A large decrease in the diffracted inten-
sity occurs as the temperature increases above 100 °C,
indicating that the patterned features are starting to de-
cay toward the flat film. The onset temperature for this
pattern decay, Tonset, is determined using the intersec-
tion of a bilinear fit to be approximately 105 °C for both
samples. We note that this value is consistent with the
bulk Tg (104 °C) of both materials, as determined by dif-
ferential scanning calorimetry (DSC). The results sug-
gest that there are no significant variations of the PS Tg

values due to the imprint process in this study.

Analogous diffraction methods have been utilized

to study the pattern decay of extremely shallow grat-

ings, with amplitudes less than 5 nm, embossed into

polymeric surfaces.37,38 The motivation for these shal-

low grating experiments was to study the mobility of

the polymer surface. Large reductions in the surface Tg

were observed for high-molecular-mass poly(methyl

methacrylate) (PMMA), while no suppression was ob-

served in low-molecular-mass PMMA.37 Moreover, re-

cent measurements by Mundra et al. showed reduction

of Tg for two-dimensional (2D) PMMA nanostructures

compared with flat films with similar thickness due to

the increase in the ratio of free surface to interfacial

area.39 Reductions in Tg were also reported for both ran-

dom rough and patterned PS surface with much smaller

features (characteristic radius R of the curvature about

tens of nanometers), where large Laplace pressures

were expected to cause yield at temperatures lower

than the bulk Tg,40,41 inducing the deformation of the

surface patterns. It is generally understood that the Tg

of planar PS films starts to drop when the thickness de-

creases below approximately 100 nm.25 In our case,

the size of the PS gratings is much larger (pattern height

h � 360 nm and width w � 240 nm), and it is possible

that our measurements are not sensitive to a change in

the surface Tg within a few nanometers of the free

surface.

Surprisingly, the diffraction intensity in Figure 1

does not decay monotonically above Tonset; a local

maximum occurs near 115 °C. This behavior was not ob-

served in analogous diffraction studies of the shallow

gratings mentioned above.37,38 Below, we demonstrate

that this abnormal intensity variation is an intrinsic fea-

ture resulting from a resonance effect between the light

and certain pattern shapes that appear during the an-

nealing. We will also show how this resonance anomaly

can be used to investigate the relaxation kinetics of

the imprinted patterns.

Figure 1. First-order diffraction intensity as a function of
temperature. The scan rate is 2 °C/min, and the diffraction in-
tensity was measured at each degree. The circle and dia-
mond symbols represent the PS30k and PS1800k patterns,
respectively. The onset temperature of the intensity decay is
marked as Tonset.
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2. Nature of the Diffraction Local Anomaly. In the applica-
tion of optical scatterometry, anomalies in the diffrac-
tion/reflection intensity as a function of incident wave-
length and/or angle are commonly used as distinctive
features to calculate the critical dimension of the grat-
ings, such as line width and height.42 When the period-
icity � of a grating is much larger than the wavelength
of the incident light (�), the diffraction intensity can be
described by the Kirchhoff theory in the Fraunhofer ap-
proximation.43 In this limit, the distribution of diffrac-
tion intensity for different orders can be described by
a convolution of a Fourier transform of the cross sec-
tion of a single line (the so-called form factor) and a
delta function representing the Bragg condition (the
structure factor). A similar analysis is used for diffrac-
tion from a series of narrow slits. In the opposite limit,
where � �� �, all the higher orders of diffraction be-
come evanescent, leaving only the zeroth-order diffrac-
tion (or specular reflection) peak. In this case, the grat-
ing can be treated as an anisotropic film with the
refractive index approximated by the effective me-
dium approach (EMA). Between these extremes, when
� is comparable to �, the optical response of the grat-
ing becomes extremely complicated, and optical reso-
nance effects can arise from the coupling of incident
light and guided waves in the structures.42 The diffrac-
tion gratings and the laser used in our experiments fall
into this last category.

An exact solution for the diffraction efficiency of
such a grating can be calculated using the rigorous
coupled wave analysis (RCWA) method.43,44 The grat-
ing is divided into layers for which the index is assumed
to vary only in the grating direction. The eigenmodes
of each layer are determined with matched boundary
conditions for the interfaces between the layers. For
light with s-polarization, as in the present case, this
method will typically converge on a solution very
quickly.

Since the pattern shape evolves upon heating above
Tg, we performed calculations for the two extremes: a
rectangular line shape representative of the initial grat-
ing and a sinusoidal profile characteristic of the profile
after long annealing times. At elevated temperatures,
the PS patterns should “flow” into the residual layer
(causing an increase in dRL; see Materials and Meth-
ods), and the patterns evolve into a sinusoidal wave of
decreasing amplitude that ultimately progresses to-
ward a flat film. In the RCWA calculations, the volume
of the material in the model rectangular and sinusoidal
gratings was equal. In the case of the sinusoidal grat-
ing, the peak-to-valley amplitude was 360 nm, with a re-
sidual layer thickness of 50 nm. We modeled the diffrac-
tion intensity as the amplitude of the patterns decayed,
and dRL increased to 230 nm [� (360/2 � 50) nm]. For
the rectangle, an initial height of 360 nm, a width of 240
nm, and a residual layer thickness of 50 nm were al-
lowed to decay until the residual thickness increased

to 266 nm [� ((360 � 240)/400 � 50) nm]. We calcu-
lated the diffraction efficiency for an incident angle of
64° and s-polarization (identical to the experimental
condition, see Materials and Methods). The complex in-
dex of refraction of the silicon substrate at a wave-
length of 405 nm was assumed to be 5.47 � 0.24i, while
that of the PS was 1.49.

Figure 2 shows the results of the RCWA calcula-
tions. Clearly there are significant differences between
the sinusoidal and rectangular profiles. However, in
both cases, the decay of the first-order diffraction peak
intensity is not monotonic and exhibits oscillations cor-
responding to resonance and interference in the struc-
ture. The diffraction intensity as a function of grating
amplitude for the rectangular profile is reminiscent of
the experimental data in Figure 1. The discrepancy be-
tween experiments and the RCWA calculations might
come from the fact that changes in the line width dur-
ing the annealing were not included in the RCWA calcu-
lations; small changes in the pattern width are ex-
pected in the actual pattern decay. Moreover, the line
shape also evolves during the annealing and deviates
from either a typical rectangular or sinusoidal cross sec-
tion. Nevertheless, it appears that the non-monotonic
variation in diffraction intensity can reasonably be at-
tributed to optical resonance.

Figure 3 shows the first-order diffraction intensity
measured as a function of annealing time for a PS1800k
pattern at the bulk Tg (104 °C) of the polymer. The gen-
eral trend is a decrease in the diffracted intensity as
the pattern decays into the residual layer with time.
Similar to the temperature dependence of the diffrac-
tion intensity (Figure 1), an intensity anomaly (local
maximum) is also observed in the early stage of the an-
nealing, due to the resonance effect.

In general, the scattering power (diffraction inten-
sity) is proportional to the square of the scattering (dif-
fraction) volume.42 Since the pattern width does not
vary much, the volume change of the grating lines is de-
termined by their average height change.36 Figure 3

Figure 2. Diffraction efficiency of a grating with decreasing
amplitude using the rigorous coupled wave approximation
calculations (see the text for details). Two types of gratings
were calculated; dashed and solid lines represent rectangu-
lar and sinusoidal line shape grating, respectively.
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presents the pattern height (measured by atomic force

microscopy, AFM) as a function of annealing time for

the same sample under identical annealing conditions.

To test the general relationship between diffraction in-

tensity and sample volume, the square of the normal-

ized pattern height (normalized by initial value, (Ht/H0)2,

as a representative of the volume) is plotted as a func-

tion of annealing time in Figure 3. The volume/mass of

the patterned PS measured by AFM decays monotoni-

cally, in contrast to the decay of diffraction intensity.

Clearly, the relationship between the diffraction inten-

sity and the pattern volume becomes invalid in the

presence of resonance effects during the early stage of

annealing (Figure 3). However, when the pattern height

becomes much smaller than the wavelength of the

light, the simple scalar theory is expected to be

applicable.38,42 This relationship is clearly seen at the

later stage of annealing in Figure 3, where the agree-

ment between the pattern height and diffraction inten-

sity is reasonably good. Consistent with this, Durig et

al. used a similar light diffraction technique to study the

decay of 70 nm tall PMMA gratings, and no clear reso-

nance intensity variation was observed.45

Overall, the discrepancies between pattern height

change (volume change) and diffraction intensity

change can be understood in terms of optical reso-

nance (early stage), pattern shape uncertainty (i.e., the

height change does not fully represent the volume

change), and an increase of the Debye–Waller factor.

The latter is caused by the increase in nonuniformity be-

tween different lines during the decay, causing an in-

crease in diffuse scattering that will decrease the diffrac-

tion intensity. Diffuse scattering is negligible in patterns

at early stages of annealing and accounts for less than

1% of the total incident radiation.42 Nevertheless, the

monotonic intensity decay of the late stage of the an-

nealing is largely caused by pattern volume changes,

represented by the pattern height.

3. Using the Resonance Diffraction To Characterize the
Relaxation of Imprinted Patterns. Figure 4 shows the first-

order diffraction intensity with annealing time at differ-

ent temperatures for both the low- and high-molecular-

mass PS patterns. The intensity decay reveals both

similarity and discrepancy between the two samples.

Both samples show the resonance anomaly discussed

above at all temperatures. The corresponding time

scale shifts to shorter time when the annealing is per-

formed at higher temperatures. This time–temperature

equivalence of the optical anomaly is consistent with

the notion that it corresponds to a characteristic pat-

tern shape/height (see Figure 3). From Figure 3, we can

see that the maximum of the optical intensity anomaly

roughly corresponds to the point when the pattern

height decays to about 30% of its original height. In

this respect, we can use the intensity anomaly as a

marker, characteristic of a well-defined pattern shape/

height, to compare the decay kinetics of the low- and

high-molecular-mass patterns. On the other hand, pat-

tern decay characteristics can also be compared on the

basis of the intensity decay during the late stage of

the pattern evolution, where the resonance anomaly

does not interfere. Specifically, for PS30k, the decay ki-

netics at long times is well approximated by a single-

exponential decay function (see the fit in Figure 4a). The

exponential time constant is another characteristic pa-

rameter that may be used to compare the decay re-

Figure 3. Comparison between the normalized diffraction
intensity (It/I0, solid lines) and the square of the normalized
pattern height ((Ht/H0)2, open circles) as a function of anneal-
ing time at 104 °C. I0 and H0 represent the initial values of dif-
fraction intensity from laser diffraction and pattern height
from AFM measurements, respectively.

Figure 4. First-order intensity as a function of annealing
time at different annealing temperatures for PS30k (a) and
PS1800k (b). The annealing temperature decreases from the
left to the right as 114, 109, 104, and 99 °C (for PS30k only).
The red solid lines in panel a are the exponential fits of the
diffraction intensity.
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sponse at different temperatures. However, for PS1800k
pattern, the intensity decay does not follow an expo-
nential decay function. We will return to this observa-
tion shortly.

For each sample, the overall decay rate becomes
faster with increasing temperature, indicating an in-
creased molecular mobility, while the shape of the de-
cay curve remains similar for each molecular mass of the
PS (Figure 4). The apparent time–temperature superpo-
sition behavior is typical for the viscoelastic response
of polymers.46 In the bulk polymer, the temperature
shift of the characteristic relaxation time (or viscosity)
generally follows the classic Williams–Ferry–Landel
equation for temperatures above Tg.46 Here, we use
the time at which the maximum of the intensity
anomaly occurs (�m) during annealing at the different
temperatures for both PS samples as the characteristic
time constant (Figure 4). Figure 5 shows an Arrhenius
plot for the temperature dependence of �m. Within the
relatively narrow temperature range of the measure-
ments (20 °C), the activation energy associated with this
process is estimated to be 564 and 677 kJ/mol for PS30k
and PS1800k, respectively. Figure 5 also displays the de-
cay time constants from the exponential fit for the long-
time decay kinetics of the PS30k sample in Figure 4a.
Surprisingly, the exponential time constants are almost
identical to the �m values extracted from the intensity
anomaly in PS30k. The origin of this coincidence is not
clear at this point.

Polymer relaxations occur over a range of lengths
scales, relevant to the present discussion, from the seg-
mental relaxations involving several monomer units to
the whole chain relaxations associated with viscous
flow. To understand the relaxation process associated
with the pattern decay process, Figure 6 compares the
temperature dependence of the intensity anomaly of
the pattern decay (�m), the segmental relaxation of the
glass transition (�	, measured by dielectric spectros-

copy),47 and the terminal time (�1, estimated from vis-

coelastic measurements as �1 � 
0Je
0).48 It is generally

understood that �	 has similar temperature depen-

dence for the PS30k and PS1800k samples.47 However,

�1 depends strongly on the molecular mass of the chain,

a characteristic property of polymers. Although it is

known that �	 has a stronger temperature dependence

than �1 for most polymers,49,50 it is usually assumed

that the temperature dependence of �1, and all other

relaxation modes, is determined by that of �	.46 From

Figure 6, it can be seen that the temperature depen-

dence of �m is similar to that of �1 for PS30k, while it is

closer to �	 for PS1800k.

The most surprising observation, however, is that

there is no significant difference in �m between PS1800k

and PS30k. Specifically, it takes about the same time

for the patterns of PS1800k and PS30k to reach the

same height/shape at which the resonance anomaly oc-

curs, despite the huge difference in viscosity. Similar ob-

servations have been made in our previous study of

pattern evolution using X-ray diffraction techniques for

patterns with a much smaller feature size.36 In that

case, the initial decay rate of highly entangled PS pat-

terns was faster than that of the unentangled ones. This

phenomenon was caused by the difference in the driv-

ing force for the pattern decay between PS30k and

PS1800k, as discussed in the following.

Multiple mechanisms can contribute to the pattern

relaxation processes.51 For a simple liquid, the relax-

ation rate depends on the balance between thermody-

namic and kinetic parameters. The governing thermo-

dynamic parameter is the surface tension (� � 0.033

N/m) of PS, which induces a large Laplace pressure

(P � �/R) at the highly curved region, driving the ini-

tial pattern to level. The influence of the feature size (�)

is reflected through the radius of the curvature R. The

Figure 5. Arrhenius plots of the temperature dependence of
the characteristic time (�m) when the maximum intensity of
the anomaly occurs for PS30k (�) and PS1800k (�). The solid
lines represent their linear fit. Open circles represent the ex-
ponential decay time from the fit for PS30k in Figure 4a,
and the dashed line is its linear fit.

Figure 6. Temperature dependence of �m for PS30k (�) and
PS1800k (�), same as in Figure 5. The dashed line shows the
temperature dependence of the segmental relaxation time
(��) for a typical high-molecular-mass PS measured by di-
electric spectroscopy.47 The two solid lines represent the
temperature dependence of the decay time (�d) of PS30k
and PS1800k estimated from eq 2, with zero shear viscosity
assumed. The dotted lines describe the terminal time (�1) for
both PS30k and PS1800k from rheology measurements.48

See the text for details.
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resistance to driving force is determined by the effec-

tive viscosity (
) of the material, a kinetic parameter that

depends strongly on the temperature and molecular

mass of the polymer. For such a surface-tension-driven

viscous flow, the amplitude (H) of a grating decays ex-

ponentially with time.38 For a sinusoidal grating,

dH⁄dt ) (-πγH)⁄2Γη (1)

and the leveling decay time (�d) is

τd ) ηΓ⁄πγ (2)

Since the difference in � between the PS30k and

PS1800k samples is negligible for the given annealing

temperatures and the initial patterns are identical, the de-

cay of pattern height should be dominated by 
. In the

limit of linear rheology, the zero shear viscosity (
0)

strongly depends on the molecular mass of the polymer.

For unentangled polymers, i.e., M � Mc (the critical molec-

ular mass of entanglement), 
0 � M1. For polymers with

M  Mc, 
0 � M3.4.46 For PS, Mc is about 38 000, so it may

be said that PS1800k is highly entangled and PS30k is

marginally entangled or unentangled.46 Therefore, 
0 of

PS1800k is roughly 106 times greater than that of PS30k at

the same temperature, implying that the decay time of

PS1800k would be a million times longer in the steady-

state limit. Figure 6 shows the �d estimated from eq 2 for

the patterns of both PS samples with the temperature de-

pendence of the 
0 obtained from ref 48. For PS30k, the

rates of pattern decay characterized by both the expo-

nential time �d and �m are both similar to the prediction

from eq 2. Clearly, the mechanism for PS30k pattern de-

cay is mainly surface-tension-driven viscous flow, with an

apparent viscosity similar to 
0. This mechanism is consis-

tent with the observation that diffraction intensity/pat-

tern height in Figure 4a decays exponentially, as pre-

dicted from eq 1. On the other hand, the decay rate for

PS1800k pattern is evidently much faster than that ex-

pected from such a simple scenario (Figure 6). In our case,

this nonexponential fast initial decay of PS1800k is due

to the residual stress induced during the NIL processing.36

NIL is a complicated rheological process and in-

volves both shear and extensional flow of the poly-

mers.52–57 The type of flow involved is determined by

the geometry of the mold (e.g., the line/space ratio, the

shape of the lines, etc.) and the initial film thickness.54,56

In our case, shear flow dominates the mold filling, and

the shear rate (�̇) varies during the imprinting process.

The apparent shear rate from this geometry can be

roughly estimated as54

γ̇ ) 3sv⁄h2 (3)

where s is the width of the extruded part of the mold,

h is the film thickness, and v is the advancing velocity of

the mold, determined by the imprinting conditions (P,
T) and material response. Using a real-time light diffrac-
tion technique, v has been measured to be about 20
nm/s for initial deformation.58 Using this value, we thus
estimate �̇ to be about 0.16 s�1 in our experiments.
The viscoelastic response of PS under such a shear rate
is determined by the temperature of the imprinting,
which changes the reorientation time of the polymer
chains at different length scales to relax the disrupted
chain dimensions and stresses.

For PS30k at 20 °C above Tg, the terminal time (�1)
for an entire chain relaxation is about 1.5 s (Figure 6).
The maximum dimensionless flow rate �̇�1 with respect
to the chain-orientation relaxation rate is only 0.24, sug-
gesting that the PS30k sample will have a Newtonian-
like response during the imprint-induced flow. More-
over, even if any nonlinear viscoelastic deformation
occurs during the flow, the duration of the imprinting
(3 min; see Materials and Methods) is much larger than
the reorientation time of the PS30k chain (�1). There-
fore, any process-induced chain anisotropy will be
mostly relaxed, and the chains should be, to a first ap-
proximation, in their unperturbed state. When such a
pattern is heated above Tg, the only driving force is sur-
face tension, and viscosity governs the deformation.
The slightly smaller decay time observed in experi-
ments compared with �d estimated from eq 2 (see Fig-
ure 6) might be caused by the large Laplace pressure as-
sociated with the sharp corners that might reduce the
effective viscosity relative to 
0.

The evolution of the pattern decay is strikingly differ-
ent in the entangled polymer films (PS1800k), where
the imprinting temperature is also at 20 °C above Tg.
Under this condition, �1 is on the order of 106 s (Figure
6). Correspondingly, the dimensionless flow rate �̇�1 for
PS1800k is on the order of 105, suggesting that, in this
case, the imprinting process is in the strongly nonlinear
viscoelastic deformation regime. Moreover, the dura-
tion of the NIL is about 200 s, which is clearly not
enough for effective structural relaxation to occur. The
internal stresses within this imprinted material then be-
come “locked in” as the material is quenched below
Tg. The residual stresses will contribute to the evolu-
tion of the surface patterns if the samples are heated
back to a temperature at or above Tg. Therefore, the
driving force for the decay of PS1800k patterns involves
both the residual stresses and the thermodynamic driv-
ing forces, and the former effect can be expected to
be predominant. This hypothesis is supported by the
fact that the initial pattern decay for the entangled
polymers can occur at a rate close to or even faster
than the unentangled polymer melt.36

We can understand the qualitative origin of the vis-
coelastic response of these films by considering the rub-
bery consistency of this high-molecular-mass polymer
melt under the imprinting conditions. According to the
localization model of Gaylord and Douglas,59,60 the tran-
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sient elasticity of an “entangled” polymer melt in re-

sponse to a deformation of the material as a whole de-

rives from a distortion of the local tube-like environment

about the chains in the melt. The number of conforma-

tions accessible to the chains is greatly reduced compared

with that of isolated chains over the time scales that

these tube-like regions persist (tp � �1), giving rise to a

melt elasticity that is quite distinct from that arising from

deforming a network of Gaussian chains fixed at their end

points. An interesting aspect of this type of entropic elas-

ticity is that this localization effect greatly diminishes

upon stretching the material uniaxially (strain softening)

or isotropic swelling.61 In the present context, the above

physical picture of chain “entanglement” implies that, if

the distortion of the polymer melt occurs at a rate less

than 1/�1, the relaxation of these distortions in the local

polymer conformations should occur on a time scale as-

sociated with segmental motions rather than that of the

chain as a whole. In other words, the deformation/flow

process is dominated by the local chain modes, i.e., Rouse-

type modes (motion of part of the chains). Naturally, the

relaxation of the local residual stresses associated with

these local distortions occurs on a much shorter time

scale than large-scale structural relaxation of the melt

(�1). Similar effects of residual stress in highly entangled

polymers, although having a different origin, have also

been shown to play an important role in the dewetting

dynamics of thin polymer films. In the dewetting studies,

the hole-growth rate is found to be faster for higher mo-

lecular mass PS, consistent with residual stress effects
playing a key role in the instability of these thin films.62

CONCLUSIONS
We have studied the evolution of polystyrene grat-

ing patterns made by nanoimprint lithography using
in situ light diffraction during thermal annealing. A dis-
tinctive anomaly in diffraction intensity is observed dur-
ing the annealing of these gratings with tall lines. The
origin of this anomaly can be qualitatively understood
as a resonance effect due to the interaction of the light
with certain shapes/heights of the grating lines. It can
serve as a characteristic time scale to analyze the pat-
tern decay. The decay rate shifts to shorter time with in-
creasing annealing temperature, and the temperature
dependence this decay rate is similar to that of the seg-
mental or chain relaxation.

Although the imprinting process causes no appre-
ciable change of Tg for both the unentangled (PS30k)
and highly entangled (PS1800k) imprinted patterns, it
does significantly influence the stability of the patterns.
For PS30k the pattern decay occurs as expected for a
simple Newtonian fluid, while for PS1800k the relax-
ation of residual stresses significantly enhances the pat-
tern decay process. The characteristic time scale of the
abnormal resonance feature in the diffraction intensity
provides a useful measure of the decay of the surface
patterns, regardless of whether the pattern decay is
driven by the surface energy or the residual stress de-
rived from the imprinting process.

MATERIALS AND METHODS
Monodisperse PS samples with two different molar masses

(Mn � 30 and 1800 kg/mol) were purchased from Polymer Labo-
ratories and Pressure Chemical Co., respectively. The bulk Tg for
both samples was measured by DSC with a heating/cooling rate
of 10 °C/min. The values for both PS samples are about 104 °C.

Films of PS were prepared on silicon substrates by spin-
casting from toluene solutions. The Si wafers had a thin native
oxide surface that was cleaned in a UV– ozone cleaner (Jelight,
model no. 42) for 1 min to remove organic residues. The concen-
tration of the PS in the toluene was 5.5% by mass for PS30k
and 2.8% by mass for PS1800k, and these solutions were spun
at 209 rad/s (2000 rpm) for 1 min. The as-cast films were an-
nealed in a vacuum oven at 170 °C for 1 h to remove the re-
sidual solvent. The thickness, as measured by SXR, was approxi-
mately 270 nm for both the PS30k and PS1800k films.

The imprint mold consisted of parallel line-and-space
gratings in silicon oxide with periodicity � of 400 nm. To facili-
tate the mold separation process, a self-assembled monolayer of
CF3(CF2)5(CH2)2SiCl3 (tridecafluoro-1,1,2,2-tetrahydrooctyltri-
chlorosilane) was developed onto the mold through a vapor-
phase process.63 The imprinting processes were performed on
a Nanonex NX-2000 tool by heating the films to 20 °C above the
Tg of the PS and applying a pressure of 3.4 MPa for 3 min. The
sample was cooled to 55 °C before the pressure was released and
the mold separated from the patterned PS films. An excellent fi-
delity of the pattern-transfer process was confirmed with SXR
and AFM. The PS lines in the grating had pattern height h � 360
nm, width w � 240 nm, and residual layer thickness dRL � 50
nm. A more detailed explanation of the pattern shape character-
ization using SXR can be found in refs 33 and 34.

Figure 7 describes the laser diffraction experiments. The
samples, with a patterned area of 5 mm � 5 mm, were mounted
horizontally on a hot stage (Linkam, model THMS600) with pre-
cise temperature control (Linkam, model TMS94). A laser (� �
405 nm) was directed at the film with the polarization of the
beam parallel to the grating lines and perpendicular to the inci-
dent plane (transverse electric mode, or s-polarization). The inci-

Figure 7. Geometry of the light diffraction experiments. The
dimensions of an as-imprinted grating are shown. The inci-
dent angle �i and first-order diffraction angle �1 are shown
relative to the grating normal. The polarization mode of the
laser is transverse electric (TE). The pattern was placed hori-
zontally on top of a heating stage in the thermal annealing
experiments.
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dent angle of the beam relative to the normal of the grating sur-
face, �i, was 64° � 0.5° (the error bars presented throughout
this manuscript indicate the relative standard uncertainty of the
measurement). The grating equation,

sin θm ) mλ⁄Γ- sin θi (4)

determines the direction of the diffracted beam, where �m is the
mth order of the diffraction peaks. In this case, for the first-order
diffraction peak, �1 � 6.3°, and all the other higher orders are
evanescent. The first-order diffraction intensity as a function of
annealing time or temperature was recorded with a CCD camera.

Certain commercial materials and equipment are identified
in this paper in order to specify adequately the experimental pro-
cedure. In no case does such identification imply recommenda-
tion by the National Institute of Standards and Technology nor
does it imply that the material or equipment identified is neces-
sarily the best available for this purpose.
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